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Self-diffusion in ion-beam-sputtered nanocrystalline Fe is studied between 310 and 510 °C, using neutron
reflectometry on �natFe�7 nm� / 57Fe�3 nm��15 isotope multilayers. Neutron reflectometry has the advantage
over other methods of diffusivity determination, that diffusion lengths on the order of 1 nm and below can be
determined. This enables diffusion experiments in a nanostructure which is not significantly modified by grain
growth during annealing. The determined diffusivities are time depended and decrease by more than two orders
of magnitude during isothermal annealing. In early stages, diffusion is controlled by frozen-in nonequilibrium
point defects �interstitials or vacancies� present after deposition. The decrease in the diffusivities can be
attributed to the annihilation of these point defects. For very long annealing times the diffusivities above
400 °C are in good agreement with volume diffusivities measured in single crystals given in literature. How-
ever, at a temperature of 400 °C and below the diffusivities are still higher than extrapolated literature data
also after more than 8 days of annealing, indicating that defect annihilation is still going on.
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I. INTRODUCTION

Nanocrystalline metals show in comparison to their
coarse-grained counterparts, a series of improved mechanical
properties for technical applications. These are high hard-
ness, high fracture toughness, and high wear resistance.1–5

The reason for these enhanced properties is the low grain
size on the order of 10–100 nm. A significant fraction of
grain-boundary regions is present which separates the crys-
tallites. For example, a nanocrystalline metal with a grain
diameter of ld=20 nm contains 5–15 % grain-boundary
phase. The small size of the crystallites limits the conven-
tional movement and multiplication of dislocations and ac-
cording to the Hall-Petch relation, �=�0+k / ld

1/2, an enhance-
ment of flow stress � and consequently of hardness occurs �k
and �0 are constants�.2

In nanocrystalline metals diffusion of the constituting at-
oms plays a central role for materials properties and thermal
stability, especially at low temperatures close to room tem-
perature. Grain boundaries may serve as a transport path for
atoms to a large extent. Due to the reduced dislocation activ-
ity in nanocrystalline materials, self-diffusion may gain on
importance for plastic deformation, where grain-boundary
creep and grain-boundary sliding may become dominant.5

Self-diffusion also controls the stability of the nanostructure
in metals. At relatively low temperatures diffusion-controlled
grain growth6 and also structural relaxation of the grain
boundaries takes place.7 This in reverse may again influence
mechanical, electrical, and also magnetic properties. As re-
cently shown in a series of publications,8,9 in nanocrystalline
Fe with average grain diameters below 150 nm abnormal
grain growth with linear growth characteristics occurs, which
is directly influenced by volume diffusion. During grain

growth, excess-free volume located in the grain boundaries is
transferred to the volume in form of vacancies. Further, the
movement and annihilation of vacancies �which control self-
diffusion in metals� may have a strong influence on the cre-
ation and relaxation of residual stresses in metals.10 In con-
clusion, it can be stated that the mechanisms of mechanical
deformation, grain growth, stress modification, and defect
annihilation at low temperatures can only be explained and
modeled by a fundamental understanding of self-diffusion.

Self-diffusion in nanocrystalline metallic alloys and also
impurity diffusion in pure nanocrystalline metals were and
are under lively investigation �for an overview see Ref. 7�.
However, self-diffusion experiments in pure nanocrystalline
metals are very limited.7 This is mainly caused by the fact
that during diffusion experiments carried out by classical
methods, such as radioactive or stable tracers methods in
combination with sputter sectioning, often diffusion-
controlled grain growth simultaneously takes place to the
actual diffusion experiment �see, e.g., Ref. 11�. Conse-
quently, the actual nanostructure is modified during the dif-
fusion experiment and the obtained results are of limited
significance. In a simple picture, growth of nanosized grains
occurs due to the jump of atoms across the grain boundary
with dimensions of 0.5–2 nm and diffusion along the grain
boundary. During a diffusion experiment the average dis-
placement of atoms is given by the diffusion length, which
defined in one dimension as d= �2Dt�1/2 �t: annealing time
and D: diffusivity�. The minimum diffusion length which can
be determined by classical methods is limited to 10–20 nm.
This means that over these dimensions during diffusion ex-
periments grain growth may take place. Grains with a typical
diameter of about 30 nm may double their size during a
diffusion experiment, as observed in Ref. 11. A possibility to
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overcome this problem is to determine diffusion lengths
which are drastically smaller than the actual grain size, best
on the order of 1 nm and below. Thus, no significant modi-
fication of the actual nanostructure is expected during the
diffusion experiment. Such experiments can be realized by a
method which is based on isotope multilayers and neutron
reflectometry, as recently demonstrated for amorphous12 and
single crystalline systems.13 In the present study it will be
shown that this method can also be applied for the study of
self-diffusion in nanocrystalline metals. For our experiments
we chose bcc �-Fe as a typical nanocrystalline model sys-
tem.

II. EXPERIMENT

For the neutron reflectometry experiments, isotope multi-
layers are necessary. These are thin films which are produced
by the alternate deposition of nanometer-sized layers made
of different stable isotopes of an element.14 In the present
case �natFe�7 nm� / 57Fe�3 nm��15 structures were deposited
by ion-beam sputtering on a Si substrate at room temperature
in Argon using natural Fe and 57Fe enriched targets. A volt-
age of 1000 V and a current of 20 mA at a base pressure of
1�10−7 mbar was used. After deposition chemically homo-
geneous films with a thickness of 150 nm are obtained,
which are isotope modulated in the direction perpendicular
to the surface. Due to the large difference in neutron-
scattering lengths of 57Fe �2.3 fm� and natFe �9.45 fm� this
system is well suited for our studies.

Neutron reflectometry experiments were carried out using
the polarized neutron reflectometer PNR at the Geesthacht
Neutron Facility �GeNF�, located at the GKSS research cen-
ter �Germany�. The neutron flux at the sample position in
case of polarized neutrons is 3�104 neutrons / �cm2 s�. The
reflectometer was operated in angle-dispersive �� /2�� mode
using a monochromatic neutron beam at a wavelength of
0.635 nm with a wavelength resolution of 5%. Due to the
fact that the Fe films are ferromagnetic and neutrons with
different spin orientation are reflected differently we used
only polarized neutrons with its spin-up component �R+� for
the experiments. This helps to increase the sensitivity of the
method for diffusivity determination. During reflectivity
measurement a vertical field of 30 mT was applied on the
sample using an electromagnet. A two-dimensional position-
sensitive 3He counter is used for detecting the reflected neu-
trons.

Isothermal diffusion annealing was carried out in the
range between 310 and 510 °C in a vacuum better than 2
�10−7 mbar using a self-made resistance furnace. TEM
studies were done using a Tecnai-G2–20 machine with W
filament operating at 200 kV. The cross-sectional specimens
for TEM study were prepared following standard techniques.
Final thinning of the sample was made by Ar ion-beam pol-
ishing.

III. RESULTS AND DISCUSSION

Figure 1 shows cross-sectional transmission electron mi-
croscopy micrographs of �a� an as-deposited Fe isotope

multilayer sample and �b� for a sample annealed at 400 °C
for 231 h. From these images we see that the as-deposited
sample is composed of columnar grains oriented perpendicu-
lar to the film surface. The columnar grains have diameters
of about 10–20 nm and a length, which is approximately the
film thickness. For the sample annealed at 400 °C, the mi-
crostructure and grain size is not significantly modified. As
obvious from nearly continuous diffraction rings in the se-
lected area electron-diffraction patterns �not shown�, no sig-
nificant texture is present in the film. The columnar grains
grow statistically averaged along different orientations and
their growth direction and azimuthal rotations are random.
This result is also supported by grazing incidence x-ray dif-
fractometry.

A typical neutron reflectometry pattern is given in Fig. 2.
A clear Bragg peak is visible at qz�0.065 Å−1, resulting
from the reflection of the neutrons at the isotope interfaces
and the corresponding interference effects. Isothermal an-
nealing of the isotope multilayers at elevated temperatures
leads to interdiffusion of the two isotopes. This results in a
decrease in the Bragg peak during isothermal annealing, as
shown in Fig. 3 for anneals at 360 °C as a typical example.
As obvious from Fig. 3 the Bragg peak decreases to about
25% of its initial value during annealing up to about 213 h.
This large reduction demonstrates that the decrease is mainly
due to volume diffusion and not due to pure grain-boundary
diffusion. In the second case a maximum reduction to about
80–90 % of the initial value only can be expected, corre-
sponding to the amount of grain-boundary phase present in

(a) (b)

50 nm 50 nm

FIG. 1. Cross-sectional bright field-transmission electron images
of �a� an as-deposited �natFe�7 nm� / 57Fe�3 nm��15 sample and �b�
a sample annealed at 400 °C for 231 h.

0.00 0.02 0.04 0.06 0.08

10-3

10-2

10-1

100

R
ef

le
ct

iv
ity

q
z

(Å-1)

FIG. 2. Neutron reflectivity pattern of an as-deposited nanocrys-
talline �natFe�7 nm� / 57Fe�3 nm��15 isotope multiplayer probed
with polarized neutrons �R+� at a field of 30 mT.
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the sample. We assume that diffusion of type B kinetics of
Harrison’s classification15 is present, where volume and grain
boundaries serve simultaneously as a transport path, while
volume diffusion is slower than grain-boundary diffusion.
However, volume diffusion dominates the modifications in
the reflectivity pattern during annealing in the temperature
range investigated.

The self-diffusivities can be calculated according to the
expression14

I�t� = I0 exp�−
8�2D

l2 t� , �1�

where I�t� is the intensity of the first-order Bragg peak after
annealing for time t and l is the bilayer thickness. I0 is the
intensity of the Bragg peak in the as-deposited sample. Dif-
fusivities as a function of annealing time are exemplarily
given in Fig. 4�a� for the measurements at 360 °C. Obvi-
ously, diffusivity depends drastically on time. It decreases by
more than two orders of magnitude with increasing anneal-
ing time. The diffusion lengths connected with these diffu-
sivities shown in Fig. 4�b� range of 1.1–1.8 nm. The smallest
value measured in this study was 0.8 nm. Such small diffu-
sion lengths cannot be detected by classical methods of dif-
fusivity determination �e.g., the radiotracer technique� and
consequently it is also not possible to observe the present
time dependence of diffusivities, which is dominant in this
temperature region. In experiments with classical methods
no modification of the starting profile is expected. The ex-
perimentally derived diffusivities shown in Fig. 4�a� are
time-averaged diffusivities, Dav, which are given by

Dav�t� =
1

t
�

t0

t

D�t��dt� �2�

for t0=0.16 Here, D is the instantaneous diffusivity. In Fig.
4�c� the quantity
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FIG. 3. Decrease in the first-order Bragg peak of a
�natFe�7 nm� / 57Fe�3 nm��15 isotope multilayer as a function of an-
nealing time for anneals at 360 °C.
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FIG. 4. Self-diffusivities in nanocrystalline Fe as a function of annealing time at 360 °C. Shown are �a� average diffusivities, Dav, �b� the
corresponding diffusion lengths, and �c� consecutive average diffusivities, Dcon

av . In �a� fits are also given as straight lines, using Eq. �7� and
the parameters D0=4.1�10−21 m2 /s, DE=3.0�10−27 m2 /s, and �=0.8 min or alternatively Eq. �6� and D0=7.1�10−22 m2 /s,
DE=3.0�10−27 m2 /s, and �=31 min.
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Dcon
av �ti+1� =

Dav�ti+1�ti+1 − Dav�ti�ti

�ti+1 − ti�
�3�

is shown, which is calculated from the consecutive experi-
mental diffusivities for annealing times of ti+1 and ti. These
values are a crude approximation for the instantaneous dif-
fusivities present at time ti+1. It can be seen that at 360 °C
both quantities, Dav and Dcon

av , decrease as a function of an-
nealing time, while a constant value is not reached for the
largest annealing time used in this study.

The time dependence of the diffusivities can be explained
to be the result of defect annihilation processes. Self-
diffusion in iron is generally governed by a vacancy-atom
exchange process, where DFe=cD DD is valid. Here, DFe is
the diffusivity of the Fe atoms, cD is the atomic fraction of
the defects governing diffusion, and DD is the diffusivity of
the defects. We assume now that at the beginning of the
annealing process a large number of defects are present in
excess to the thermal equilibrium value. These defects are
formed due to knock-on effects during the sputter process
and can be visualized as frozen-in nonequilibrium defects.
Consequently, diffusion is governed by these excess point
defects. During further annealing the number of point defects
is reduced due to annihilation at sinks, a process which leads
to a decrease in diffusivities. This annihilation process is
most efficient at the beginning, however, also for very long
annealing times up to several days an equilibrium state is not
reached and defects are still annihilated.

Such defect-annihilation behavior is well known from dif-
fusion studies in amorphous and glassy materials, such as
silicate glasses,17 metallic amorphous alloys,18 and also co-
valent amorphous semiconductors.19 There, it is generally
described to be the result of structural relaxation processes,
which lead to a rearrangement of short-range disorder during
annealing and also to the annihilation of free volume or lo-
calized defects. Here, in case of volume diffusion in nano-
crystalline materials, defect annihilation is the consequence
of the nonequilibrium state in which nanomaterials are
present after their synthesis. The observed strongly time-
dependent volume diffusivities are an inherent property of
this class of materials. A decrease in diffusivities in grain
boundaries by defect annihilation was already observed to be
the consequence of grain-boundary relaxation.7 With the
present measurements, the direct evidence was given, that
defects in the grain interior also significantly modify diffu-
sion in nanocrystalline metals due to annihilation processes.

The time dependence of D during relaxation is often de-
scribed by a first-order reaction16 as

D�t� = DE + �D0 − DE�exp�−
t

�
� �4�

with D0 as the initial diffusivity at t=0, DE as the diffusivity
in the equilibrium �relaxed� state, and � as a typical time
constant of relaxation or annihilation. Alternatively a second-
order process �bimolecular annihilation� is often used in the
free volume theory of glasses,20 which can also be used to
describe the time-dependent diffusivities according to

D�t� = DE + �D0 − DE�
1

1 + t/�
. �5�

Introducing Eq. �4� or alternatively Eq. �5� into Eq. �2� we
obtain

Dav�t� = DE + �D0 − DE�
�

�t − t0�	exp�−
t0

�
� − exp�−

t

�
�


�6�

or

Dav�t� = DE + �D0 − DE�
�

�t − t0�
ln	 1 + t/�

�1 + t0/��
 , �7�

respectively. Least-squares fits of Eq. �6� and �7� to the ex-
perimental data for t0=0 are shown in Fig. 4�a�. As obvious,
both types of equations describe the experimental data very
well for parameters given in the caption of Fig. 4�a�. The
problem is that none of the three fitting parameters D0, DE,
and � can be determined unambiguously. For DE we used the
diffusivity which is obtained by an extrapolation of literature
data on diffusion in Fe single crystals �for details see
below�.21 D0 and � are strongly correlated quantities in the
present case. For example, using D0=4.1�10−21 m2 /s and
�=0.8 min or D0=2.5�10−20 m2 /s and �=0.08 min in Eq.
�7� to describe the data gives essentially the same fitting
curve. The same is true using Eq. �6�. This result is due to the
fact that the characteristic time constant of the annihilation
process is below 20 min, the minimum annealing time used
in this study. In order to obtain unambiguous fitting results it
would be necessary to carry out additional measurements for
annealing times below 20 min, e.g., by rapid thermal anneal-
ing. Generally, the characteristic time constant � strongly de-
pends on temperature, meaning that at lower temperatures
this quantity increases. At 310 °C, the lowest temperature
of our study, we can assess �= �2.0�1.9� min and
D0= �1.4�

11.6
0.45��10−21 m2 /s, respectively. At temperatures

of 360 °C and above only an upper limit of � and a lower
limit of D0 can be obtained.

In order to decide which of the two annihilation models is
valid here, we inserted functional values given by Eq. �6�
and �7�, respectively, into Eq. �3� for t0= ti and t= ti+1 and
calculated the consecutive diffusivities for comparison to the
experimental data in Fig. 4�c�. As obvious, the diffusivities
obtained from Eq. �7� describe the experimental data much
better than those of Eq. �6�. We conclude that the bimolecu-
lar model is better suited to describe defect annihilation in
nanocrystalline Fe.

Also shown in Fig. 4�c� are the diffusivities
Dcon

av �tmax�=Dmax obtained from the two highest annealing
times according to Eq. �3�, which are in good approximation
to the instantaneous diffusivity at long annealing times, DE.
The diffusivities after 20 min of annealing, termed D20, cor-
respond to an averaging over the first annealing step �see
Table I�. Both quantities are plotted in Fig. 5 as a function of
reciprocal temperature in comparison to literature data. It is
obvious that the initial diffusivities, D20, are significantly en-
hanced compared to data obtained at single crystals.21 How-
ever, they are also significantly lower than literature data on
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type-B and type-C grain-boundary diffusion in coarse-
grained materials22,23 and on nanocrystalline Fe showing
considerable grain growth during the diffusion experiment11

as well as on dislocation diffusion.24 Least-squares fitting of
these data to the Arrhenius equation is not meaningful here
because the data correspond to different stages of the defect-
annealing process at different temperatures. Nevertheless, the
temperature dependence points to a relatively low activation
enthalpy of diffusion smaller than 1 eV. Such a low activa-
tion enthalpy becomes understandable if we keep in mind
that diffusion in the early stages is dominated by structural
defects, meaning the activation enthalpy is the enthalpy of
defect migration ��H=�Hm� and not given by a sum of a
formation and a migration part, as observed in classical ther-
mally equilibrated metallic systems ��H=�Hf+�Hm�. Re-

cent theoretical ab initio calculations in the framework of
density-functional theory within the generalized gradient ap-
proximation with spin polarization using the SIESTA code
give migration enthalpies in bcc iron of 0.34 eV for single
interstitials, as well as of 0.67 eV for single vacancies.25 By
a comparison to our experimental findings we conclude that
atomic migration in the initial state very likely takes place
with highly mobile Fe interstitials or vacancies.

The diffusivities determined for the maximum annealing
times, Dmax �see Table I and Fig. 5�, can be subdivided into
two groups. For temperatures above 400 °C a final equilib-
rium state is reached, where the instantaneous diffusivities
are no longer time dependent. As obvious from Fig. 5 these
diffusivities are in good accordance with volume diffusivities
obtained by the radiotracer method.21 This demonstrates that
at these temperatures, defect annihilation is nearly complete
and diffusion takes place via thermal vacancies. However, at
temperatures below 400 °C defect annihilation is a still on-
going process. Diffusivities as low as 5�10−25 m2 /s still
decrease significantly during annealing. For the maximum
annealing times used in this study of more than 8 days, an
equilibrium state is not reached. The important finding from
our neutron reflectometry measurements is that in sputtered
nanocrystalline Fe samples at temperatures below 400 °C
diffusion cannot easily be described by an extrapolation of
high-temperature volume diffusivities to lower temperatures.
Defect-annihilation processes dominate the long-time diffu-
sion behavior at low temperatures.

It has to be stated that experiments using neutron reflec-
tometry on as-sputtered isotope multilayer films for short
annealing times always should give diffusivities higher than
values obtained for annealed single crystals by classical
tracer diffusion techniques. It is an unavoidable limitation of
the method if it is applied on as-sputtered samples for the
determination of very low diffusivities. Careful long-term
anneals up to several days have to be carried out until an
equilibrium state is reached and values of single crystals can
be reproduced. This is especially important for the explora-
tion of new unknown systems. Note that if isotope multilay-
ers are produced in form of single crystals by molecular-
beam epitaxy the upper limitation is not valid, as recently
demonstrated by self-diffusion measurements in
Germanium.13 Here, no time-dependent diffusivities are ob-
served at low temperatures since this deposition method pro-
duces a significant lower concentration of nonequilibrium
defects.

The present findings on Fe have also important conse-
quences for the possibility to detect grain-boundary diffusion
in nanocrystalline metals by neutron reflectometry and iso-
tope multilayers. This is possible only in regime of type C
kinetics regime of Harrison’s classification,15 where volume
diffusion is frozen-in and atomic transport exclusively takes
place along grain boundaries. This regime is generally de-
fined to be present at �DVt�0.5	
 /20, where 
�0.5 nm is
the grain-boundary diameter and DV is the volume diffusiv-
ity, meaning that the �hypothetical� volume diffusion length
has to be below 0.035 nm. If an extrapolation of the volume
diffusivities obtained by the radiotracer technique21 is as-
sumed �see Fig. 5�, this criterion is fulfilled for temperatures
below 440 °C for reasonable annealing times larger than 10

TABLE I. Diffusivity after 20 min of annealing, D20, maximum
annealing time and diffusivity at the maximum annealing time,
Dmax, for the temperatures under investigation.

Temperature
�°C�

D20

�m2 /s�
tmax

�h�
Dmax

�m2 /s�

310 2.4�10−22 194 2.8�10−25

360 5.5�10−22 213 5.0�10−25

380 5.5�10−22 27 2.2�10−24

400 231 2.3�10−24

430 1.1�10−21 221 1.8�10−24

460 1.5�10−21 146 7.0�10−24

510 2.2�10−21 1.5 3.0�10−22
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FIG. 5. Self-diffusivities in nanocrystalline Fe as a function of
reciprocal temperature in comparison to literature data. Shown are
D20 and Dmax of this work as well as literature data on volume
diffusion in single crystals �Ref. 21�, type B grain-boundary diffu-
sion in coarse-grained Fe �Ref. 22�, type C grain-boundary diffusion
in coarse-grained Fe �Ref. 23�, type C grain-boundary diffusion in
nanocrystalline Fe with an unstable nanostructure �Ref. 11�, and
dislocation diffusion in coarse-grained Fe �Ref. 24�. The arrows
indicate upper limits.
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min. However, taking the initial volume diffusivities, D20,
found in this study on the order of 10−21 m2 /s, at 310 °C
type C diffusion cannot be reached for reasonable annealing
times. However, type C grain boundary might be observed
for temperatures below 200 °C. At these temperatures defect
annihilation in volume is also expected to be so slow that
a temporal separation of the contributions of volume
diffusion and grain-boundary diffusion to the Bragg-peak
decrease should be possible. Such experiments are in
progress.

In order to attribute the question whether an oxidation of
Fe due to water vapor or oxygen might influence diffusion,
the following points have to be addressed; �a� oxide inclu-
sions cannot be found inside the film by TEM and selected
area electron-diffraction measurements. �b� From analysis
with grazing incidence x-ray diffraction we find no indica-
tion for an oxide phase for T	400 °C. �c� In the as-
deposited state there already exists a small oxide top layer
with a thickness of only 2 nm as supported by x-ray reflec-
tivity �XRR� measurements. Such layers are always formed
after the transfer of the sputtered film into air. XRR measure-
ments show that this oxide film does not grow during anneal-
ing at 400 °C. �d� At temperatures above 400 °C we obtain
the same diffusivities Dmax as for single crystals, indicating a
negligible influence of oxidation on diffusion. �e� The effect
which determines our diffusivity �decay of the Bragg peak�
results from a modification of the scattering length density
inside the film and not at the surface. Consequently, an in-
fluence of an oxide layer on diffusion cannot be completely

ruled out but due to the upper argumentation we believe that
there is no significant effect.

IV. CONCLUSIONS

We demonstrated by neutron reflectometry experiments
on �57Fe�7 nm� / natFe�3 nm��15 isotope multilayers that it is
possible to detect volume self-diffusivities in Fe at low tem-
peratures in a nanostructure, which is not being significantly
modified by grain growth during annealing. The method used
was able to detect point-defect annihilation processes, which
lead to time-dependent diffusivities during isothermal an-
nealing. The diffusion lengths during this process are be-
tween 0.8 and 2.5 nm, not detectable with classical methods
of diffusivity determination. For very long annealing times
the diffusivities above 400 °C are in good accordance with
the volume diffusivities given in literature. However, at tem-
peratures below 400 °C the diffusivities are higher than the
literature data, indicating that defect annihilation is still go-
ing on for up to 8 days of annealing. As a result, nanocrys-
talline Fe produced by ion-beam sputtering has, in compari-
son to thermodynamically stable single crystalline or
polycrystalline samples, an increased concentration of struc-
tural defects, which dominate the atomic transport.
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